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Abstract.

In this work, a novel amorphous-nanocrystalline titanium-niobium-manganese
solid solution ternary alloy with a Ti-33Nb-4Mn (at.%) nominal composition was
developed by a High-Energy Mechanical Alloying. Nb and Mn were added to the
elemental Ti as a B-phase (bcc) stabilizer and an amorphization promoter, respectively.
The system evolved from the elemental Ti, Nb and Mn raw materials to a body centred
cubic (bcc) TiNbMn alloy and, finally, to the formation of an original and stable face
centred cubic (fcc) nanocrystalline TiNbMn alloy, not reported until now, at short milling
time (20h). This alloy remains invariant until 120h. In turn, the partial amorphization of

the system occurs and increases until at intermediate milling time (80h). The production



of both original fcc and the amorphous TiNbMn alloy may be beneficial for reducing the
Young’s modulus and improving the mechanical strength pursued for the Ti alloy. The
optimal milling time respect to the amorphization, nanocrystalline size and Fe mount
from milling media was 60 h and 80 h (TiNbMn60h and TiNbMn80h), with more than

50 wt.% of an amorphous phase and a crystalline domain size of approximately 5 nm.
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In this work, a novel amorphous-nanocrystalline titanium-niobium-manganese
solid solution ternary alloy with a Ti-33Nb-4Mn (at.%) nominal composition was
developed by a High-Energy Mechanical Alloying. Nb and Mn were added to the
elemental Ti as a B-phase (bcc) stabilizer and an amorphization promoter, respectively.
The system evolved from the elemental Ti, Nb and Mn raw materials to a body centred
cubic (bcc) TiNbMn alloy and, finally, to the formation of an original and stable face
centred cubic (fcc) nanocrystalline TiNbMn alloy, not reported until now, at short
milling time (20h). This alloy remains invariant until 120h. In turn, the partial
amorphization of the system occurs and increases until at intermediate milling time
(80h). The production of both original fcc and the amorphous TiNbMn alloy may be
beneficial for reducing the Young’s modulus and improving the mechanical strength
pursued for the Ti alloy. The optimal milling time respect to the amorphization,
nanocrystalline size and Fe mount from milling media was 60 h and 80 h (TiNbMn60h
and TINbMn80h), with more than 50 wt.% of an amorphous phase and a crystalline

domain size of approximately 5 nm.
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1. INTRODUCTION.

Titanium and its alloys are important metallic materials used in a wide range of
applications, such as the aerospace, aeronautic, automotive, chemical and biomedical
industries [1-3], due to their interesting properties including high mechanical strength,
lightweight, highest specific strength, excellent high temperature oxidation resistance
and biocompatibility [4-6].

Related to biomaterials, both commercial pure Ti and its alloys are widely used
in implants for bone tissue replacement. Concretely, the first generation of Ti alloys,
referred as Ti6AI4V, with mainly hexagonal closely packed structure (hcp, a-phase),
possess excellent mechanical strength but relatively poor wear resistance, lower
hardness and higher stiffness than human bone tissues [7, 8]. The excessive difference
between the Young’s modulus (E) of Ti and the first generation Ti alloys (110-140
GPa) in comparison with the human bones (21-18 GPa for cortical and 15-10 GPa for
trabecular bones [9, 10]) results in bone resorption and eventual loosening of the
implants [11], known this problem as stress-shielding phenomenon [12]. In addition, Al
and V, together with other elements (V, Ni, Co, Cr, Be, etc.) are toxic for the human
body and/or cause allergic reactions [13, 14].

A second generation of Ti alloys, with non-toxic elements, such as Nb, Mo, Zr
or Ta [12], were developed as a first attempt to solve the Young’s modulus mismatch.
In this case, they possess body centred cubic structure (bcc, B-phase) instead of the
typical @-phase. This B-Ti alloys were fabricated searching their better mechanical
properties than a-phase, mainly high fatigue resistance and low elastic modulus [15,
16], that make them more appropriated candidates as biomaterial for bone tissue
replacement implants. However, although low E values (50-80 GPa) close to those of

human bone can be achieved for some B-Ti alloys [17, 18], they present problems



associated with their mechanical performance and chemical stability due to their higher
density, low creep strength, low tensile ductility in an aged state and low wear
resistance [18].

For that reason, another recent way to solve the Young’s modulus (E) mismatch
involves the synthesis of porous Ti materials (foams) with different porosity
arrangements [9, 19, 20]. For bone replacement purposes, foams are attractive due to
facilitate the ingrowth of tissue and cells in the implants. However, in this case, the
main disadvantage of metallic foams is the high volume porosity necessary that result in
poor mechanical strength.

Again, new efforts are being directed towards developing new alloys and/or
microstructures with improved mechanical properties to address the Young’s modulus
mismatch. In this sense, Ti alloys with nanocrystalline and/or amorphous phases are of
great interest because they exhibit an unusual combination of properties including
strength, ductility, high fracture toughness, and good corrosion resistance [21-23]. In
contrast, coarse-grained materials lack these chemical and physical properties [24].

Related to the attention to form amorphous alloys, Mn has been reported as an
element that promotes the amorphization [25-27]. Particularly, there it was reported
how it is possible to reach a complete amorphization degree for the binary NbysMny s
and TigsMngs. A general requirement for amorphous phase formation is a significant
difference in the atomic sizes between the constituent elements, which introduces a
large strain into the alloy [26, 28]. Thus, the atomic radius of Ti, Nb and Mn are 0.176,
0.198 and 0.161 nm, respectively [29]. Besides, the Mn acts as a co-factor in bone
mineralization as well as bone cartilage and collagen formation [30], that could be as an

extra positive factor for using Mn as constituent of Ti based alloys biomaterials.



Powder Metallurgy (PM) process is an interesting approach to synthesize Ti
alloys because this process allows the production of net-shaped components and
materials with a broad spectrum of properties [31]. An interesting PM processing
technique is High Energy Mechanical Alloying (HEMA), which allows for the
production of Ti alloys with homogeneous compositions and special microstructures
that are difficult to achieve by casting, forging and mechanical working processes [32].
HEMA is a non-equilibrium, simple and versatile process that transfers high energy
from milling balls to the alloy powder during the milling process [33]. HEMA is a dry,
solid-state powder processing technique that involves repeated welding, fracturing and
re-welding of powder particles in a high-energy ball mill. The main attributes of HEMA
include the extension of a solid solution, production of a fine dispersion of a secondary
phase, synthesis of novel crystalline, quasi-crystalline and amorphous phases and
structure refinement in the nanometre range [33, 34]. The two last characteristics are
very interesting for the purpose of this work.

Therefore, taking into account all aspect abovementioned, this work was focused
on the synthesis of an amorphous and/or nanocrystalline Ti-33Nb-4Mn (at.%) ternary
alloy by HEMA using a high-energy planetary mill as potential raw materials for a new
generation of Ti alloys for bone tissue replacement implants. Finally, it is necessary to
comment that Nb was added to the alloy due to it is a non-toxic element for the human
body, a B-phase stabilizer (preventing the undesirable o-phase (hcp) formation and the
stress-shielding effect abovementioned) and it increases the mechanical strength, as
reported Geetha et al. [12]. All these properties are important due to this alloy would be

a potential material for bone replacement implant.

2. EXPERIMENTAL PROCEDURE.



A mixture of titanium metal powder (CAS number 7440-32-6, 99.6% purity, <
325 mesh, NOAH tech, San Antonio, TX, USA), niobium metal powder (CAS number
7440-03-1, 99.9% purity, < 325 mesh, NOAH tech.) and manganese metal powder
(CAS number 7439-96-5, 99.9% purity, < 325 mesh, NOAH tech.) with a nominal

composition of 63Ti-33Nb-4Mn (at.%) was milled.

Concretely, 20 g of the powder mixture was introduced with 95 balls (=8 mm.
and m=2.1g) in a 300 ml vial (both composed of tempered steel, 67HRC). They were
mechanically alloyed in a planetary ball mill (PM400, Retsch) under an inert
atmosphere (i.e., argon gas, H,O < 8 ppm and O, < 2 ppm, Linde Group, Spain) and at
spinning rate of 300 rpm for 1 h to 120 h. A ball-to-powder ratio (BPR) of 10 was
employed. In addition, 3 wt. % of hexane (CAS number 110-54-3, 99% purity, NOAH
tech.) was added to the powder mixture as a process control agent (PCA) to avoid

welding of the transition metals to the balls and vial.

Then, the as-milled powder mixtures obtained after different milling times were
collected under an Ar atmosphere in an inert box (850-NB Nitrogen Dry Box, Plas-Labs

Inc.) and dispersed in hexane to prevent oxidation during handling.

The collected specimens were labelled based on their milling times (Table 1)
from the specimen milled for only 1 h (TiNbMnlh) to the specimen milled for the

longest milling time (TINbMn120h).

To characterize the powder mixtures, X-ray diffraction (XRD) patterns were
recorded using a PANalytical X Pert Pro instrument equipped with a /6 goniometer, a
Cu Ka radiation source (40 kV, 40 mA), a secondary Kb filter and an X’Celerator
detector. The XRD patterns were obtained by scanning from 26 between 20° and 150°

in the step-scan mode with 0.02° steps and a counting time of 275 s/step. The space



group symmetry (SGS), lattice parameters, crystalline domain size (D), microstrain (e)
and quantification of the nanocrystalline and amorphous phases were determined from
the complete set of peaks in the XRD diagrams using the Fullprof Suite toolbar and
Rietveld analysis, which include the Dicvol (used for powder diffraction indexing by
the Dichotomy method), WinPLOTR and FullProf programs. The PDF-4+ database,
which was obtained from the International Centre for Diffraction Data (ICDD)), and the
Crystallography Open Database (COD), were used for comparison and structural
elucidation. Silicon powder (Standard Reference Material 640e, NIST) was used to
correct the instrumental error of the diffractometer and calibrate the positions of the
diffraction lines as an internal standard pattern for amorphous phase quantification by

Rietveld analysis [35].

Scanning electron microscopy (SEM) images of the as-milled powder mixture
were recorded on a Hitachi S-4800 field emission SEM instrument in secondary
electron mode at an acceleration voltage of 5 kV. The Ti, Nb, Mn and Fe transition
metals (Fe coming from the milling media) as well as the C and O content were
measured by X-ray energy dispersive spectrometry (XEDS) using a detector coupled
with SEM at an acceleration voltage of 20 kV. For each milling time specimen, around
30 punctual measurements were performed. In addition, XEDS-SEM mapping was
performed under the same experimental conditions. SEM images at different
magnifications (1kx, 2kx and 5kx) were recorded to evaluate the average and
distribution particle sizes (d) using Image Analysis (IA) as implemented in Image-Pro

Plus 6.2.

High-resolution transmission electron microscopy (HRTEM) images and
selected area electron diffraction (SAED) patterns were obtained for powder specimens

on an FEG HRTEM microscope that was obtained from the FEI Company, USA (model



TECNAI G2 F30 S-twin) with scanning-transmission capabilities (STEM). The
experiments were conducted at 300 kV with 0.2 nm point resolution. The microscope
was equipped with a high-angle annular dark field (HAADF) detector from Fischione
Instruments, USA (0.16 nm point resolution), and an INBCA ZX-max 80 silicon drift
detector (SDD) for energy-dispersive X-ray analysis (EDX). The micrograph analysis,
lattice spacing, fast Fourier transform (FFT) and phase interpretation were performed
with the Gatan Digital micrograph software (Gatan Inc., USA). The powder samples
were dispersed in acetone, and droplets of the suspension were deposited onto a

PELCO® pure carbon film grid.

Finally, differential scanning calorimetry (DSC) was employed to confirm the
melting temperature of . The tests were carried out using a DSC- 822¢ (Metter Toledo)
from 40 °C to 550 °C at a heating rate of 40 °C-min"! with free cooling. Two
consecutive cycles were performed for each specimen to clearly differentiate the

corresponding crystallization peaks.

3. RESULTS AND DISCUSSION.
3.1. Determination of phases.

The X-ray diffraction (XRD) patterns obtained for the Ti-33Nb-4Mn (at.%)
ternary alloy, milled for 1 h to 120 h, are shown in Fig. 1. After 1 h, TINbMn1h only
exhibited peaks corresponding to the elemental powders (i.e., Ti (hexagonal close-
packing structure and P63/mmc SGS), Nb (cubic structure, and Im3m SGS) and Mn
(cubic structure and I-43m SGS)) according to the reference patterns (i.e., 044-1292,
034-0370 and 032-0637, respectively) in the PDF-4+ database. No alloys were formed
at this shortest milling time. The lattice parameters for Ti, Nb and Mn were determined

by Rietveld refinement and are listed in Table 1.



It is important to note that the goodness-of-fit (%?) and the weighted profile R-
factor (Ry,) for the Rietveld refinement of all specimens (from TiNbMnlh to
TiNbMn120h) were approximately 2 and less than 10%, respectively, which confirms

an optimal fitting.

No significant deviation from these lattice parameters, which correspond to the
previously mentioned reference patterns (Table 1 for comparison) were observed, which
confirms that no metal alloys were formed. However, when the milling time was
increased to 10 h (TiNbMn10h), these peaks disappeared, suggesting complete alloying
of the initial Ti, Nb and Mn metals to form substitutional alloys and/or intermetallic

compounds. In addition, new peaks were observed in the corresponding XRD pattern

(Fig. 1). These peaks were assigned to three different phases.

which

was extracted from the milling media during the milling process. The first two alloys
are expected to be TiNb, TiMn and/or NbMn binary alloys or, otherwise, TiNbMn
ternary alloys due to the total absence of Ti, Nb and Mn peaks. This last result was
confirmed as described below. For that reason, we labelled both alloys as bcc-TiNbMn

and fcc-TiNbMn throughout the work. It is important to note that no oxidized phases or

(o2¢]



carbides were detected, suggesting minor O, and C contamination, from the possible air

that may have remained in the Ar box and the PAC, respectively.

For the specimen milled for 20 h (TiNbMn20h), the XRD indicated that the
system evolved to form the fcc-TiNbMn alloy and elemental Fe coming from milling
media (Fig. 1). Both phases remained invariant without the appearance of any other
phases as the milling time increased to 120 h. Therefore, this suggests the fcc-TiNbMn

alloy formed is a stable alloy.

The lattice parameters determined for this fcc-TiNbMn alloy (Table 1) exhibited
slight variations, suggesting a lack of important modifications of the alloy composition
with the milling time. Therefore, this alloy is expected to be the same as the nominal
composition used, which was confirm and is discussed below. Thus, the differences
between TINbMn20h and TiNbMn120h are related to the microstructure (i.e.,
homogenization, crystalline domain size, lattice strain and amorphization degree). In
addition, the lattice parameter for the bcc-TiNbMn alloy, formed at 10 h of milling time,

is shown in Table 1 (TiINbMn20h).

As shown in Fig. 1, a decrease in the peak intensity and an increase in the peak
width were observed for the fcc-TiNbMn alloy from TiNbMn20h to TiNbMn80h, and
a slightly inverted behaviour was observed for the alloys from TiNbMn80h to
TiNbMn120h. These results may be due to effect of the milling time on “D”, “e" and

the amorphization degree.

The crystalline domain size and microstrain of the fcc-TiNbMn alloy were
extracted from the Rietveld analysis and are shown in Table 1. For comparison, the
same microstructural parameters were obtained for Ti and Nb present in the TINbMn1h
specimen. The “D” and “e” for Mn could not determined due to the existence of a single

peak with very low intensity.



These results are shown in Fig. 2 and Table 1. First, the D value for elemental Ti
and Nb (54 and 43 nm, respectively) in the TINbMnlh specimen was substantially
reduced to 30 and 16.5 nm for the bcc-TiNbMn and the fcc-TiNbMn alloys,
respectively, formed after 10 h of milling (TINbMn10h). This decrease in “D” was
accompanied by an important microstrain (e) increase due to plastic deformation and
crystalline defects that were introduced by the milling. Between TiNbMn10Oh to
TiNbMn20h, the decrease in D was accompanied by a decrease in “e”. This opposite
behaviour was due to the important decrease in D (6.6 nm for TINbMn20h) that is now
in the order of typical flaws in metals (i.e., dislocations). The energy supplied by the
milling process along with the low D allowed for the facile movement and annihilation

of dislocations.

Nanostructures are formed by the deformation that occurs in shear bands that are
located in unstrained grains. The grain size (or crystalline size) decreases steadily, and
the shear band coalesces as the milling time increases. The small angle boundaries are
replaced by higher angle grain boundaries, which implies grain rotation that produces
disclinations [36]. This behaviour is reflected by the absence of texture (preferred
orientation) in the electron diffraction pattern, which also contributes to X-ray peak
diffraction broadening. Therefore, dislocation-free nanocrystalline grains were formed.
As the milling continues, the nanocrystalline grains reach a saturation value. Due to the
difficulty of dislocation generation at the nanocrystalline size, the existing dislocations
will rearrange, and some other existing dislocations are eliminated [33]. Then, the strain

and dislocation density decrease. But the dislocation density is not measured.

From a milling time of 20 h (TiNbMn20h) to 120 h (TiNbMn120h), which
corresponds to the formation of only the fcc-TiNbMn alloy in the specimens, the D

value was nearly invariant with only a slight decrease from 6.6 nm to 4.8 nm. In

10



contrast, during this period of milling, two different behaviours were detect on the
microstrain (e). From TiINbMn20h to TINbMn80h, “e” decreased due to the previously
mentioned dislocation annihilation effect (i.e., the low crystalline domain size (D)
allowed for movement of the dislocations to the grain boundary, which added to the
energy supplied by the milling process. However, from TiNbMn80h to TINbMn120h,
the opposite “e” behaviour was observed. In this case, another effect has a more
important influence. Some authors have hypothesized that the grain boundaries in
ultrafine-grained (UFG) materials, processed by severe plastic deformation (SPD),
which occurs in mechanical alloying (MA) [37], are characterized by excess grain
boundary energy and the presence of long-range elastic stresses [38]. Thus, the
ultrafine-grained TiNbMn alloys obtained at this point produced the increase of grain

boundary energy, reaching a higher “e” values with the milling time from 80 h to 120 h.

In addition, the presence of Mn in the ternary alloys along with the small
crystalline domain size (D) may allow for partial amorphization, which is consistent
with a previous study [39]. The amorphous phase percentage was quantified by
replicating the Rietveld analysis using now Si as an internal pattern. The results are
shown in Table 1, and an example of the determination for the TINbMn60h specimen is
shown in Fig. 3. The amorphous phase increased with the milling time to 80 h
(TINbMn80h), where a 53 wt. % TiNbMn amorphized alloy was obtained. This high
amorphous percentage for the TiNbMn alloy obtained could be interesting due to it can
be used as raw material to obtain bulk partial amorphous biomaterials via a Field
Assisted Sintering Technique (FAST), such as Spark Plasma Sintering (SPS) [40],
Electrical Resistance Sintering (ERS) [41] and/or Capacitor discharge sintering (CDS)
[42] consolidation processes. This fact is in order to maintaining the amorphous and the

nanocrystalline structure. Beyond the 80h of milling time, partial recrystallization of the

11



amorphized TiNbMn alloy occurred due to the high milling energy applied (see Table
1).
3.2. Microstructural characterization.

The SEM images that correspond to all the specimens (from TiNbMnlh to
TiNbMn120h) are shown in Fig. 4. The particle size decreased when the milling time
increased to 60 h (i.e., the TINDMn60h specimen). For longer milling times, the
particle sizes slightly increased to 120 h (i.e., TINbMn120h). The main particle size
reduction was produced during the first ten hours of milling from TiNbMnlh to
TINbMn10h (note that a lower magnification was used for the TiNbMnlh SEM
micrograph shown in Fig. 4). In addition, evolution the particle morphology occurred,
and spherically shaped particles were obtained at longer milling times (from
TiNbMn60h to TiNbMn120h) rather than the faceted initial particles that were
obtained at shorter milling times (from TiNbMnlh to TiNbMn40h). The particle size
decrease as well as the spherically shaped particles that were obtained at longer milling

times may be beneficial for a potential powder consolidation process.

To confirm the particle size results, the particle size distribution was determined
using image analysis (Fig. 5). To gain additional insight, the average particle size (d.y)
and 50 (dsp) and 90 (dgo) percentiles are also included in Fig. 5. The most important
reduction in the particle size occurred on going from the raw materials (< 45 pm or 325
mesh, for Ti, Nb and Mn, according to the values supplied by the manufacturer) to those
obtained after 10 h of milling (TiINbMn10h) when the alloy formation began. Then, the
particle size distributions decreased progressively to a smaller particle size from
TiNbMn10h to TiNbMn40h. However, between 40 h (TiNbMn40h) and 80 h
(TINbMn80h) of milling, the particle size decrease substantially, which is consistent

the increased formation of the amorphous phase for milling times between 60 h and 80

12



h. From 80 h (TiNbMn80h) to 120 h (TINbMn120h) of milling, the distribution of
particle sizes increase slightly due to particle welding that resulted from the high milling

energy.

The XEDS mapping for the TINDMn10h and TiNbMn60h specimens (Figs. 6
and 7, respectively) indicated optimal homogenization and distribution of the three
compositional transition metals in the alloys (i.e., Ti, Nb and Mn). Although these
results may appear to be inconsistent with the XRD patterns shown in Fig. 1, they
indicate that the bcc-TiNbMn (formed at lower milling time) and fcc-TiNbMn alloys
have similar Ti, Nb and Mn compositions. The punctual XEDS carried out on more than
30 particles randomly selected for each specimens (Table 2) provided relative Ti, Nb
and Mn weight compositions closed to the nominal values, Ti-33Nb-4Mn (at.%), with
similar standard deviations for all specimens. These results confirmed the optimal
homogenization of Ti, Nb and Mn even for a short milling time (see Table 2). This
assertion is not valid for the specimen milled for 1 h (TiNbMnlh), where almost no
homogenization occurred. This result was confirmed by the standard deviation reported
in Table 2 and the XRD results (Fig. 1). At this point, it is necessary to highlight the fcc
structure is an original structure not previously observed for Ti alloys. The ball milling
has promoted this bcc to fcc allotropic transformation, analogous to a similar evolution

transformation reported by elemental Nb [43].

However, in the same XEDS mappings (Figs. 6 and 7), some dots or zones were
observed on the micrographs, and these areas correspond to unalloyed Fe, which comes
the milling media. The presence of only unalloyed Fe could be explained attending to
the Ti-Fe, Nb-Fe and Mn-Fe binary diagrams [44]. The solubility at room temperature
in the two first ones are non-existent and only a partial solubility was found for the Mn-

Fe system. Thus, due to these aspects and the progressive introduction of Fe with the

13



milling time, when the complete TiNbMn alloy was already formed, avoided the

alloying of Fe and the formation of undesirable intermetallic compounds.

The at.% of Fe increased with the milling time and reached an important
percentage, as shown in Table 2. This important Fe quantity could be reduced using
another milling media or softer milling conditions. Anyway, although Fe is not a
starting element for the expected TiNbMn ternary alloy, it cannot be consider as

detrimental element due to Fe is also used for biomedical applications [45, 46].

It is important to note that both oxygen and carbon, which could come from
exposure to air during specimen manipulation and the possible partial hexane detected
by the XEDS, suggesting lower hexane decomposition (mostly evaporated during
milling) and lower oxidation of specimens (thanks to use hexane also as dispersant). In
the particular case of oxygen, high affinity of Ti for O, could result in a presence of
small quantities of O,, not detectable by XEDS. However, this aspect could not be
detrimental, due to some authors have found beneficial effects of small O, addition on

the stability of Ti alloys [47].

Differential scanning calorimetry (DSC) was carried out on the TINbMn60h
specimen to confirm the partial amorphization and estimate the recrystallization
temperature (Fig. 8a). First, the presence of an important exothermic peak was observed
at approximately 380°C (T, in Fig. 8a). This peak disappeared in the second heating
cycle, confirming the irreversible nature of the crystallization peak. It is necessary to
emphasize that the crystallization peak obtained for amorphous materials obtained by
milling is usually wider and less intense than the corresponding for bulk metallic glasses
(BMGs) developed by quenching or cast form the melted alloy [48, 49]. This can be
explain due to the partial amorphous material obtained by milling is formed by
distortion of the lattice parameter for the nanocrystal material formed, i.e., can be

14



exceptionally exist a short-range order. As opposite, the BMGs are formed from melted

alloy and not from a crystalline phase, without any short-range order.

In addition, the XRD pattern of the same TiNbMn60h specimen was recorded
after DSC (Fig. 8b). The existing phases were similar before and after DSC, except for
the disappearance of the small “hump” (marked with an ellipse in Fig. 8b) between the
fcc-TiNbMn peaks, which confirmed the crystallization of the amorphous phase. In
addition, additional peaks were observed in the DSC (Fig. 8a) at an intermediate
temperature that corresponded to the glass transition temperature (T, = 270°C,
endothermic), typical peak for amorphous materials. Again, this peaks disappeared for
the second heating cycle due to the alloys was crystallized during the first one. Finally,
the small endothermic peak observed at 69°C corresponded to the evaporation

temperature of the hexane used as PCA and dispersant for the alloys.

To confirm the formation of the amorphous and nanocrystalline alloys that were
detected by XRD and DSC, selected area electron diffraction (SAED) and high-
resolution transmission electron microscopy (HRTEM) images were recorded for the
TiNbMn10h and TiNbMn60h alloys (Fig. 9 for SAED and Fig. 10 for HRTEM). In
addition, the FFT of the HRTEM images was obtained (insets in Fig. 10). The SAED
that corresponded to a region of the TINbDMn10h alloy (inset of Fig. 9a), an electron
diffraction pattern that primarily corresponded to a nanocrystalline phase was observed.
Only an intense electron diffraction spot was detected, suggesting the presence of a
residual microdomain size alloy. It is important to note that this study was carried out
for a large number of specimen areas, and the same results were always obtained. By
measuring the blurred diffraction circles, the d(hkl) spacing was indexed to the bcc-
TiNbMn structure, and the (110) and (211) reflections of this phase were observed

(depicted on the SAED). In addition, the intense electron diffraction spot was assigned
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to the (110) reflection for Fe due to contamination from the milling media. In contrast,
no electron diffraction rings were detected for the fcc-TiNbMn. This result confirms that
this phase is not present in the analysed zones, which may be due to the lower fcc-

TiNbMn percentage than the bcc-TiNbMn in the TINDMn10h specimen.

The SAED analysis of the TiNbMn60h specimen reveals only diffuse
scattering, and this feature indicates that the studied regions are primarily amorphous, as
shown in the inset of Fig. 9b. In some regions, a very diffuse ring was observed, which
was indexed as the (200) plane of the fcc alloy structure. No bcc-TiNbMn was obtained
at this milling time, which is in good agreement with the XRD results. It is important to
note that the same ring can be indexed to the (110) reflection of elemental Fe. However,
in this case, the reflection is more diffuse than that for the TINDMn10h specimen due to
the increased milling time, indicating an important decrease in the crystalline domain

size in the Fe phase.

Finally, attending to the HRTEM study, for the TINbDMn10h specimen (Fig.
10a), only nanodomains were observed along with small amorphous zones (marked as
black squares) between the nanodomains. This result suggested the beginning of the
specimen amorphization. The FFT corresponding to this area is shown in the inset of
Fig. 10a, and two rings that correspond to (110) spacing of the bcc-TiNbMn phase and
(200) plane corresponding to the fcc-TiNbMn were observed. Several nanocrystals with
an average size of 8 nm were observed (marked as round areas), and the planar spacing
was measured, indexed and marked on the micrograph. The nanocrystal nearly oriented
along the [111] zone axis of a cubic structure was marked with a red square, and the
measurement of reflections in the FFT (inset depicted) indicates that this small domain

corresponds to the bcc TiNbMn phase of the alloy.
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As shown in Fig. 10b for the TINDMn60h specimen, the interplanar spacings
were difficult to detect in the HR micrograph, and only a small nanocrystalline domain
(white square) that corresponded to the (200) planar spacing of the fcc-TiNbMn was
observed. The FFT of the image (inset) reveals primarily diffuse scattering, indicating
the high amorphization of the specimen compared to the TINDMn10h specimen. This

result is consistent the XRD (Fig. 1) and SAED (Fig. 9b) results.

4. CONCLUSIONS.

1. A titanium-niobium-manganese ternary alloy with a nominal composition of
Ti-33Nb-4Mn (at.%) was obtained using a high-energy mechanical alloying (HEMA)

process.

2. The obtained alloy evolved from two nanocrystalline phases (bcc and fcc
TiNbMn alloys) after a short milling time (i.e., 10 h) to an amorphous-nanocrystalline
(fcc) alloy at an intermediate milling time. The amorphous percentage increased until a

milling time of 80 h, and then slightly decreased until a milling time of 120 h.

3. The development of a new structure for Ti alloys, i.e., the fcc-TiNbMn alloy
and an amorphous TiNbMn phase; in substitution of the hexagonal structure, hcp-Ti
alloys, may be beneficial for reducing the Young’s modulus and improving the
mechanical strength of a future consolidated TiNbMn specimen via a FAST (Field

Assisted Sintering Technique) process.

4. The optimal milling time with respect to the amorphization, nanocrystalline
size and Fe percentage was 60 h and 80 h (TiNbMn60h and TiNbMn80h). These

specimens contained more than 50 wt.% of an amorphous phase and a crystalline

17



domain size of approximately 5 nm. Both properties may be beneficial for the

subsequent consolidation process.

5. The presence of Fe, coming from the milling media, increased with the
milling time, but remains majority unalloyed in the as-milled material. The high Fe
percentage indicates the need for studying the use of different milling media, such as
ceramic materials (yttria-stabilized zirconia (YSZ) and alumina (Al,O3)) or, also, using

softer milling conditions.
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FIGURE CAPTIONS.

Figure 1. X-ray powder diffraction patterns for the TiNbMn alloy milled for 1 h to 120
h. (M) hcp-Ti (P63/mmc Space Group Symmetry, SGS); (®) bcc-Nb (Im3m SGS); (V)
bce-Mn (I-43m SGS); (O) bce-TiNbMn alloy (Im3m SGS); (%) fcc-TiNbMn alloy

(Fm3m SGS); (#) bce-Fe (Im3m SGS).

Figure 2. Crystalline domain size (D) and microstrain (e) of the TiNbMn alloy milled

for 1 hto 120 h.

Figure 3. Rietveld refinement carried out on the XRD diagram with Si introduced as an
internal pattern for the TINDMn60h specimen. (%) fcc-TiNbMn alloy (Fm3m SGS);

(®) bce-Fe (Im3m SGS); (®©) Silicon used as internal pattern.

Figure 4. Scanning electron microscopy (SEM) images for the TiNbMn alloy milled for

different time periods ranging from 1 h to 120 h. Note that the corresponding SEM
18



image for the specimen milled for 1 h (TiNbMn1h) is shown at lower magnification

due to the larger particle size.

Figure 5. Particle size distribution for the TiNbMn alloy milled for different period of
times ranging from 1 h to 120 h. The corresponding histogram for the TINbMn1h alloy
is presented at a different scale due to the larger particle size. d,,: Average particle size;

dso: 50t percentile; dgg: 90t percentile.

Figure 6. Characteristic compositional XEDS-SEM mapping for the TiINbMn10h alloy

after 10 h of milling time.

Figure 7. Characteristic compositional XEDS-SEM mapping for the TINDMn60h alloy

after 60 h of milling time.

Figure 8. a) Characteristic differential scanning calorimetry (DSC) results obtained for
the TINbDMn60h alloy after 60 h of milling. b) Comparison between the characteristic
XRDs before and after DSC for the same TINbMn60h alloy. (O) bcc-TiNbMn alloy
(Im3m Space Group Symmetry, SGS); (*) fcc-TiNbMn alloy (Fm3m SGS); (4) bcc-

Fe (Im3m SGS).

Figure 9. Transmission electron microscopy (TEM) bright field images and selected
area electron diffraction (SAED) for the TiNbMn alloy after 10 h, TiNbMn10h (a), and

60 h, TINbMn60h (b), of milling time.

Figure 10. High-resolution transmission electron microscopy (HRTEM) images and the
corresponding fast Fourier transforms for the TINDMn alloy after 10 h, TINbMn10h
(a), and 60 h, TINbDMn60h (b) of milling time. Amorphous zones are marked with a
black square in TINDMn10h and comprise most of the area in TINDMn60h. Crystalline

zones are marked with white squares in TINDMn60h. The crystalline domain sizes are
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marked by black (bcc-TiNbMn) and white (fcc-TiNbMn) round areas. In addition, key

interplanar spacings of these phases are shown.
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Table 1. Microstructural parameters for the TINbMn alloy milled for different time

periods ranging from 1 h to 120 h. D: Crystalline domain size; e: Microstrain.

) Milling time Lattice parameters D e 10 Amorphous
Specimen
(h) (A) (nm) (%) phase (wt. %)
Ti: a=2.953 £ 0.010
) Ti: 54 Ti: 21 0
TiNbMn1h* 1 c=4.669 +£0.010
Nb: a=3.298 £ 0.003 Nb: 43 Nb: 34 0
) (bcc) 3.374 £ 0.020 30 36.3
TiNbMn10h 10 7.6
(fcc) 4.323 £0.014 16.5 89
TiNbMn20h 20 4321 £0.012 6.6 53 12.8
TiNbMn40h 40 4.320+0.012 6.3 19 46.3
TiNbMn60h 60 4.320 + 0.009 5.9 3.3 51.7
TiNbMn80h 80 4.325+0.015 5.7 1.8 53.7
TiNbMn100h 100 4.323 £ 0.006 5.4 6.8 50.6
TiNbMn120h 120 4.322 +£0.006 4.8 17 47.2

Lattice parameters for raw materials:

hcp-Ti: a=2.951 A, c =4.683 A; bcc-Nb: a=3.303 A; bcc-Mn: a=8.912 A

* The values for Mn could not be determined due to the absence of high intensity peaks.

24




Table 2. Semiquantitative punctual XEDS composition (at.%) for the TiNbMn alloy,
milled from 1 h to 120 h. In addition, the Fe (at. %) contamination from the milling media

1s shown.

Specimen Ti Nb Mn Fe

TiNbMn1 73.7+£53 |204+86 |44+26 [14+04

TiNbMn10 61.5+1.7 |31.6+£35 |41+£06 [28=+038

TiNbMn20 563+34 |295+38 [(42+£02 |100+£25

TiNbMn40 559+1.2 [283+£25 |41+£03 [11.7+3.6

TiNbMn60 551+1.8 |272+2.1 |40+04 |13.7+£3.7

TiNbMn80 535+3.6 |263+£33 |39+£05 |162+3.2

TiNbMn100 |522+24 |247+25 |3.7+03 |[194+£2.6

TiNbMn120 |49.0+2.6 |239+1.8 |35+0.8 [23.6+3.2

25



_,LA;L v A J\_.,.l_h_
g—‘M K o * 10h
S| A A B *__20h
.é‘ o X o * * 40h
A x_x 60n
l= x  x e * * 80h
T A Al * « 100h

- x *_120h

30 35 40 45 50 55 60 65 70 75 80
260 [°]

Figure 1



0.010

50 Wi
1 ef
2 ~m- D [NmM]
iNb ~-0.008
404 - —e-¢€ [%]
_ -0.006 @
& 304 bocl o 'S
g X
a sl b -0.004
| i..fcc
nE . o -0.002
[ T .\. ............. [ T =/.
o Looo
0 20 40 60 80 100 120
t[h]

Figure 2



units)

(arb.

Intensity

Lo T O T o R e TR
J’.,_ Y f S N " A e —
_5000 T T T T T

30 40 50 60 70 80 90 100 110 120 130 140
2Theta

Figure 3



Figure 4




Cumulative No. of grains (%)

100

o
f

TiNbMn10h

—TrrT T
o o o o o
N~ (o] o < ™

(9%) sureuf jo afejusdiad

L -
o
N

|
o
—

o o
oo

Cumulative No. of grains (%)

100

TiNbMn1h

—TrTT
o < N

(9%) sureab jo abejusdiad

T
o oo © < N
—

o

10 12 14 16 18 20 22

8

10 20 30 40 S50 60 70 80 90 100

0

Cumulative No. of grains (%)

o
—

o o o o

Cumulative No. of grains (%)
o

o o
—

o

o o

Cumulative No. of grains (%o)
o

o
—

o o o o

[ee] [Le] <t N o [ee) © < N o (oo [Te] <t N o
1 N 1 N 1 N 1 ﬂ 1 1 1 1 ﬂ 1 1 1 1 ﬂ
S R | 8 & | 5 5
S (W S | *x © S | e ©
Z || |~ -3 W v | | v -3 .m ot el en -9
3 = : s | £ =
AR 778 5 | 8
= == N s N = || -
. E o o
° S [ O [
= 0O el
- © ©
- <t <
[a\]
—_—— —r—T—TT T o —_——
8B R 8 83 ¥ 8 92 ° 8RS8 B LIS ° B8R I3 8K 9 -°
(9%) sureab Jo abejusdiad (9%) sureab jo abejusddad
(9%) sureub Jo abejuadiad
_Cumulative No. of grains (%) Cumulative No. of grains (%) Cumulative No. of grains (%)
S 8 8 8 8 o & 8 8 g 8 o & 8 8 g 8 o
L " L L L " L PN 1 1 1 N 1 2 1 N 1 N 1 N 1 ﬂ
< e
BEEE R Sk
: = | £ B8R . |2 55§
s 1332 o | 2 |T®|Q - | 2 |w|=w|w .
= Tl E YT [~ Z | ed|ei|en [~
N < | < = | <
— =553 - 5 8| 8 = 17 el e -
~ ~—
E NE < e | NE CIRIEC] S
M o= o= o
A5 E=ke} Bl
o _-8 - o
. i
<
(9\]
—T T T T T T T o —rrrrrrrrrrrrrr o
8 R 883 F 8 & 8 ° 8 R 83 83 @ 8 & =2

(9%) sureab jo abejuadaad

(9%) sureub jo abejusalad

(%) sureub jo abejusduad

d (um)

d (um)

Figure 5



Figure 6



7

igure

F



—~

> ~

= T ~270°C

N—r

: l

°

u T

©

@ | T =69°C o _

I 2" Heating
exo up

()

50 100 150 200 250 300 350 400 450 500 550

T (°C)

Figure 8

Intensity [a.u.]

(b)

After DSC

30

40

50

20 [°]

60



a) TINanth l (110)-bcc alloy

(110)-Fe | T
(211)-bcc alloy




I

(200)-fcc alloy

Figure 9



(110) bcc-alloy .

(200) fce-alloy




Figure 10



